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INTRODUCTION

The principal reason for interest in uranium is the nuclear behavior of the
235 isotope. However, there has also been interest in depletedt uranium
because of its high density (p = 19.1 g/cm?®) and in some cases its structural
properties. Because depleted uranium is a by-product of enriched nuclear
fuel, it is less expensive than any other high-density material. Tungsten, with
a density of 19.3 g/cm?, not only has a higher raw material cost but also is
more expensive to fabricate. Other elements with densities above 15 g/cm?,
Re, Os, Ir, Pt, Au, and Pu are very expensive. Therefore, in addition to their
nuclear applications, uranium and uranium alloys have been used for
ballast and counterweights where space is limited such as in aircraft and
missiles, for non-nuclear ordnance as an armor penetrator, and for radiation
shielding. A uranium radiation shield not only occupies less volume than an
equivalent lead shield but can weigh two-thirds as much. Because of their
mechanical properties uranium alloys have a great deal of potential as
shipping container—shielding for spent reactor fuels where safety requires
the containers remain intact in an accident.

One of the problems that have been encountered in the use of uranium
and uranium alloys is stress corrosion cracking. In this chapter the effects of
environment on the mechanical properties of uranium and uranium alloys
will be discussed. The discussion will include both embrittlement and stress
corrosion cracking.

* This work was supported by the U.S. Energy Research and Development Administration.

T Depleted uranium is ~99.8% U?*® and ~0.2% U?*3, while natural uranium is 99.3 %, U238
and 0.7% U235,
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Polymorphism in Uranium

Uranium exists in three polymorphic forms: an orthorhombic form
which is stable below 662°C designated o uranium, a tetragonal form stable
from 662°C to 769°C designated B uranium, and a body centered cubic
(bee) form stable from 769°C to 1133°C (melting point) designated y uranium.
The « phase is frequently dimensionally unstable during thermal cycling
because of its anisotropic structure and its tendency to exhibit a preferred
orientation. The phase is also dimensionally unstable under neutron ir-
radiation, which renders it unsuitable as a nuclear fuel. These properties
prompted the development of uranium alloys which would retain the iso-
tropic y phase at room temperature. In addition to improving dimensional
stability, the y alloys were found to have superior corrosion resistance and
higher strengths than pure uranium.

Wilkinson' classifies uranium alloy systems as: (1) compound-free
systems, (2) high y-miscible systems, and (3) low y-miscible systems with
intermetallic compounds. Because of the desire to retain y phase at low
temperatures most of the development work has been done on high y-
miscible systems, primarily binary and higher-order alloys involving Mo,
Nb, Zr, and Ti. Most of the work has been done on metastable uranium
alloys quenched from the 7y field.

Phase Transformations in Uranium Alloys

This discussion of phase transformations will be restricted to uranium-
rich alloys, since the primary interest in alloying is to modify the phase
transformations of pure uranium without subsiantially degrading the
density or nuclear properties. The room temperature equilibrium structures
of these materials consist of « uranium plus either alloy-rich solid solutions
or intermetallic phases. On rapid cooling a series of metastable phases form
martensitically. The structures that can occur when an alloy is quenched
from the y phase field are y (the bee phase is retained); 7° and 7%, bet phases;
o, a monoclinic phase; and o, a distorted orthorhombic variant of  uranium.
The differences in the crystal structures of the metastable phases are often
subtle, and the lattice parameters change almost continuously with in-
creasing alloy addition. The o' phase can have either an acicular martensite
morphology or a banded morphology while the «” phase has only the
banded morphology. The 7° and y° phases appear similar to the y phase
metallographically and are based on a correlated displacement of average
atoms and not on chemical order.? The transformation from y to y° or ;°
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Fig. 1. Quenched U-0.759, Ti with an acicular « structure showing evidence of decomposition
in the prior y grain boundaries.

leads to a reduction in the number of nearest neighbors from 8 to 4, which
is the number found in the other structures including « uranium. The acicular
o phase is shown in Fig. 1. Figure 2 shows the banded & phase found in
quenched U-2.259 Nb.* Banded o has a similar appearance. The y phase
of quenched U-7.59, Nb-2.59%, Zr is shown in Fig. 3. The metallographic
structure is also representative of the y° and y* phases.

The amounts of Mo, Nb, Zr, and Ti alloy additions needed to retain the
y-type phases in uranium during quenching as well as the amounts required
to form the metastable o’ and o phases are shown in Table 1. The principal
goal of uranium alloy development programs has been isotropic, corrosion-
resistant uranium. While only the y-type phases are isotropic, the o and o”
phases have higher strengths, better corrosion resistance, and better ir-
radiation stability than pure uranium. The thermal cycling stability is also
vastly improved as long as decomposition does not occur.

The alloy elements which are soluble in the y uranium phase and have
been used to stabilize this phase are essentially insoluble in o uranium.

* wt 9, will be used except where otherwise specified.
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Fig. 2. Quenched U-2.25%, Nb with a banded «” structure showing evidence of decomposition
in the prior y grain boundaries.

Therefore, diffusional phase transformations forming almost pure « uranium
and an alloy-rich y phase will occur when the alloys are cooled slowly.
These transformations allow the metastable alloys to be easily age hardened.”
Initially on heat treating coherent precipitates form and strengthening
occurs. If aging is continued, coherency is lost, the equilibrium phases are
formed, and the strength of the alloys decreases. The precipitation of the

Table 1. Ranges of Metastable Phase Stability of Quenched Uranium Alloys

Phase
Alloy system Reference
o o 7 type
U-Mo 3 0.3-2.9% 3.0-4.6% >48%
U-Nb 4 0.5-3.3% 3.8-6.5% >7%
U-Zr 5 >6.4% 6.4-12.3% >123%
U-Ti 6 >22%"* ~2.39¢ >4.1%

“ A two-phase o” +. :° phase forms in the U-Ti system in alloys with 2.6-3.2 % Ti.
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Fig. 3. Quenched U-7.5% Nb-2.5% Zr.

equilibrium phases occurs at grain boundaries and at inclusions in a classical
manner.’

Embrittlement and Cracking Trends

While uranium and all of the uranium alloys that have been tested thus
far are subject to environmental degradation, the behaviors are often not
similar. The total range of alloy compositions that has been investigated
ranges from pure uranium to alloys with 129 alloy addition, and can be
divided into two groups. Pure uranium and alloys with up to a few percent
alloy additions behave in one manner, while alloys with higher alloy contents
behave in a different manner.

Pure uranium and the “lean” alloys are quite reactive and are degraded
by H, and H,O in the environment. While these materials are easily oxidized
by O,, they are not embrittled by or will not crack in O,. The “rich” alloys
are more corrosion-resistant and are more susceptible to stress corrosion
cracking. With this type of alloy two types of stress corrosion cracking have
been observed: intergranular cracking caused by an enhanced anodic
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dissolution mechanism, and transgranular cracking caused by an oxide
stress mechanism. The intergranular cracking requires H,O, O, and Cl-,
initiates easily, and propagates rapidly. The transgranular cracking requires
O,, does not initiate easily, and propagates much more slowly than the
intergranular cracking. These differences, particularly the ease of initiation,
should be kept in mind because many of the seeming differences in the litera-
ture can be explained within the framework just discussed.

SYSTEMS THAT EMBRITTLE AND/OR STRESS CORROSION
CRACK

Uranium

Internal H, Embrittlement

Uranium is an exothermic occluder of H, and reacts with H, to form
UH;. The calculated room temperature solubility of H, in a uranium is
0.00001 ppm,® (1 ppm by weight is equivalent to 0.024 at.%,.) At higher
temperatures the solubility increases but remains small. Cotterill® reports
solubilities of 0.0006 ppm at 100°C, 2.2 ppm at 662°C (x-U), 7.8 at 662°C
(p-U), 9.7 at 769°C (B-U) and 14.7 at 769°C (y-U). The UH; that forms when
these solubilities are exceeded has a density of ~11 g/cm® compared to
uranium, with a density of 19.1 g/cm?3. This corresponds to a 70 %, increase
in volume when the hydride is formed. Because of the fast hydride nucleation
rate and the low hydrogen solubility, a finely dispersed hydride forms which
may not be observable by optical metallography.® Hydride precipitates have
been reported in the grain boundaries of embrittled specimens,!®!! but
embrittlement has also been observed in specimens where no hydride
precipitates could be found.!?

Hydrogen in uranium increases the ductile to brittle transition tempera-
ture of uranium about 50°C from below room temperature to above room
temperature’? (Fig. 4). The figure also shows that above 100°C the embrittling
effect of hydrogen disappears. Material tested below the ductile to brittle
transition temperature exhibits primarily intergranular fracture, while
material above the ductile to brittle transition temperature fails by microvoid
coalescence.

Early mechanical properties studies on uranium showed that certain
annealing media could have an embrittling influence on uranium but that the
ductility could be restored by a vacuum anneal. The loss of ductility was
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Fig. 4. The relationship between ductility and temperature for uranium
(after Adamson, Orman, and Picton!?).

attributed to hydrogen introduced into the metal during the salt bath
anneal.'® The data in Table 2 from Hanks et al.!® show that small increases
in the hydrogen contents are sufficient to cause embrittlement. Davis'*
reported that, for « and f annealed uranium, hydrogen did not change the
shape of the stress—strain curve but did dramatically affect the ductility and
the ultimate tensile strength. He found that 0.2-0.4-ppm hydrogen was
sufficient to cause embrittlement and that increases in hydrogen concentra-
tion above 0.4 ppm had little or no further effect. Beevers and Newman'°
reported that embrittlement increased with H, content up to 2.5 ppm.
However, the different hydrogen contents were produced by quenching
from the «, B, and y regions, and this could have affected the mechanical
properties independent of the hydrogen levels. Powell and Condon® found
that for both « and y quenched uranium the ductility reached a lower plateau
at ~0.2 ppm H,, Fig. 5. Adamson et al.'? found for o recrystallized uranium
a minimum in ductility occurred at 1-2 ppm in H,, Fig. 6.

While the data in the literature show that hydrogen embrittles uranium,
there is obvious disagreement as to the amount of hydrogen required, the
magnitude of the effect, and the mechanism responsible. The differences in
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Table 2. Room Temperature Properties of Uranium Containing Hydrogen®

Anneal

H,, U.TS, Y.S. (0.2%), %E,
Medium Temperature,” °C ppm MN/m? MN/m? in 2 in.
Salt 600 1.50 793 279 4.5
Vacuum 600 0.50 917 324 21.6
Hydrogen 575 1.80 931 456 43
Vacuum 600 0.53 993 445 12.8
Salt 600 0.72 862 328 8.9
Vacuum 600 0.32 910 344 24.2

@ After Hanks et al., Ref. 13.
® 30 min at temperature.

the magnitude of the effect may be related to differences in the thermo-
mechanical histories of the specimens used in the various investigations.
These differences may also be partly due to differences in analysis techniques
and hydrogen inhomogeneity. Hydrogen in uranium is often not homo-
geneously distributed, and it has been reported® that surface contaminants
can greatly influence the hydrogen analysis. Davis'# used previously analyzed
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Fig. 5. The relationship between H, content and the ductility of o and y quenched uranium (after
Powell and Condon?).
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Fig. 6. The variation of ductility of uranium with hydrogen content (after Adamson, Orman, and
Picton'?).

uranium specimens as blanks to minimize the error caused by surface H,
in the analysis, but even this cannot eliminate the possibility of errors in the
< 1-ppm range. The differences in the hydrogen concentrations required to
cause maximum embrittlement, 0.2-2.5 ppm, may also be related in part to
the levels of other impurities in the uranium. Uranium frequently has
impurity contents of C, Fe, and Al greater than 100 ppm, and these impurities
could alter the amount of hydrogen required for embrittlement. For example,
it has been reported that there is a high solubility of hydrogen in UC at
elevated temperatures which leads to preferential hydride precipitation at
the inclusions on cooling.!® Davis'# observed that abnormally high absorp-
tion of hydrogen occurred at low hydrogen pressures (H, content of equili-
brated specimens 0.2-0.4 ppm) which he felt was related to an impurity—
hydrogen interaction which saturated at 0.4 ppm.

The embrittling effect of hydrogen in uranium can result from hydrogen
in solution or as a hydride phase. Because of the extremely low solubility
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of hydrogen in uranium the formation of a hydride phase is most likely to
occur. Both the temperature dependence of the embrittlement, which shows
the degree of embrittlement is the same at room temperature and —78°C,°
and the strain rate dependence of the embrittlement, which shows embrittle-
ment increases as the strain rate increases,'® favor a brittle-phase mechanism
over a solution mechanism. Beever and Newman'? found that the maximum
embrittlement occurred at the hydrogen concentration corresponding to the
maximum length of grain boundary precipitates. Cotterill® postulated the
occurrence of a grain boundary embrittling phase which would account
for the saturation of the embrittling effect at a critical hydrogen concen-
tration. The formation of this type of a phase would increase the effectiveness
of the grain boundary as a dislocation barrier. Hence, the brittle-ductile
transition temperature would be raised and the likelihood of intergranular
fracture would increase, as has been observed.®1%:'4 The formation of a
hydride phase, because of its relatively low density, could also lead to high
internal stresses in the uranium which would contribute to the degradation
of properties.

External Hydrogen

While hydrogen in the lattice has been shown to affect the mechanical
properties of uranium, two investigations have found that gaseous hydrogen
environments do not affect the properties.!?1® However, the presence of an
oxide film on the uranium in the static tests and impurities in the gases
during both types of tests (there was no discussion in these investigations
pertaining to either oxide removal or special gas cleaning precautions) are
felt, by the author, to be responsible for the lack of an interaction.

Moisture can affect the mechanical properties of uranium. The data of
Whitlow and Willows'® in Table 3 show that H,O (92%, relative humidity)
in air, O,, or H, reduces the ductility of dynamically tested warm rolled
uranium approximately 50 9, compared to 5% R.H. environments. The data
also show that water immersion is even more deleterious than high relative
humidities. Adamson et al.’? have shown that water immersion is also worse
than hydrogen in the metal, Fig. 6. The figure shows that while hydrogen in
the metal lowers the ductility in both air and vacuum environments, the
ductility under water immersion conditions is so low that no effect of internal
hydrogen is observed.

Hughes et al.!” reported that while moisture in the air affects the
mechanical properties of uranium, certain conditions had to first be met.
The conditions were (1) surface oxidation, specifically U;Oyg; (2) particular
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Table 3. Tensile Properties of Warm-Rolled Uranium in Different Environments®

Relative U.TS, Elongation, Reduction of

Environment humidity, % MN/m? % area, %,
Vacuum — 842 26 20
Air 5 842 22 18

92 814 11 13
Oxygen 5 862 24 22

92 787 11 12
Hydrogen 5 876 24 21

92 807 12 13
Water (immersion) — 787 7 8

¢ After Whitlow and Willows, Ref. 16.

metallurgical conditions, warm-worked or y quenched; and (3) specimen
shape, rectangular specimens and not circular cross-sectional specimens.
However, the rectangular specimens had fine cracks prior to testing, while
circular cross-sectioned specimens which were prepared by a different
procedure did not. Therefore, it is doubtful that there is a shape sensitivity,
but there is, rather, an initiation site sensitivity. In the presence of condensed
water all conditions of uranium, with or without the U;O;4 oxide, are em-
brittled.!® These results indicate that the initiation process and not the
propagation process is of critical importance to the embrittlement.

Hughes et al.'® conducted mechanical properties tests in solutions as a
function of pH and found that embrittlement only occurs over the pH
range 5-10. The fact that embrittlement did not occur in the highly acidic
environment was felt to indicate that the phenomenon is not related to the
ingress of hydrogen. They proposed that the embrittlement is related to the
oxidation of uranium and that the following reactions occurred at the metal

surface:
H,O 2 H* (hydrated) + OH™ (1)
U=z U*" + 4e (2
OH - 0*” + H* (3)
H* + e2 H 4
H+ H-H, (5)
U** +20% - UO, (6)

At low pH (3) and hence (6) and (2) are retarded, while at high pH (4) and
hence (2) are retarded. The loss of the embrittling effect at 100°C was felt
to be due to slip occurring more easily and blunting the crack tip.
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The fact that embrittlement does not occur in acidic solutions does not
eliminate the possibility of embrittlement being due to hydrogen. Since the
embrittling effect in water vapor!’ and in water!® disappears at 100°C in a
manner similar to that observed for internal hydrogen embrittlement,'?
it is felt that the same mechanism is operating. Another similarity between
internal hydrogen embrittlement in uranium and embrittlement observed
in H,O is the fracture morphology. Predominantly intergranular cracking
occurs in both types of embrittlement.®12:17-18 Uranium reacts with water
vapor to form UO, and liberate hydrogen. Part of the hydrogen enters the
gas phase, but part of the hydrogen is absorbed by the metal.'®2° It is pro-
posed that this hydrogen is responsible for the embrittlement observed in
H,O environments and that a mechanism similar to the internal hydrogen
embrittlement mechanism is operative in this environment.

Uranium-Titanium Alloys

The effect of the environment on the mechanical properties of U-Ti
alloys has only been determined for alloys with low Ti concentrations,
0.5 and 0.75%, and correspondingly high densities, 18.7 and 18.5 g/cm?,
respectively. These alloys behave in a manner similar to that of uranium:
they are very reactive with the environment and are degraded by internal
H, and H, or H,O in the environment.

Environment

Internal H, embrittlement occurs in U-0.75 % Ti, but the alloy is more
tolerant of H, than pure uranium, and an order of magnitude more H, is
required to produce embrittlement than is required for pure uranium.®
Figure 7 shows the effect of hydrogen content on the ductility of quenched
U-0.759, Ti; 1-2 ppm of H, decreases the reduction in area from 50°, down
to ~10°,. Embrittlement has also been observed in humid environ-
ments.2'22 Jackson?! studied the effect of relative humidity from 09,
(vacuum) to 100 %, (water immersion) on the strength and ductility of extruded
U-0.759%, Ti at strain rates of 0.005/min. The yield strength is not affected by
the environment, but the ductility decreases with increasing relative humidity.
Johnson et al.*? obtained similar results. The elongation in a vacuum is 229,
but decreases to only 29 in 1009, R.H. air. Under immersion conditions
embrittlement only occurs when the pH is between 2 and 1222

Crack propagation tests conducted on U-0.75% Ti in O,, H,. and

H,O and tabulated in Table 4, show that H, and H,O cause cracking but
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Fig. 7. The relationship between internal hydrogen concentration and
ductility of quenched U-0.75% Ti (after Powell and Condon®).

O, does not. The U-Ti alloys react with H,O very rapidly to form UO, and
release H,,?° and therefore, cracking in H,O and H, should be similar and
caused by the same mechanism. Tests conducted in wet and dry air also
showed water is the species responsible for cracking in laboratory air.??
Results from the air tests and from tests conducted in 50-ppm Cl1~ and 33 %
Na(l are shown in Fig. 8. The data show the threshold in dry air is only about
109 lower than the overload controls, while the threshold in the wet air

Table 4. The Effect of the Environment on the
Time-to-Failure for Quenched U-0.75 % Ti Loaded

at 40 MN/m?>/2¢
Environment Time-to-failure, hr?
H,O ( 23 Torr) 9
H, (100 Torr) 11
O, (150 Torr) No crack growth in 1000 hr

° After Magnani, Ref. 23.
b Average of 2 tests.
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Magnani?3).

is much lower, and that K is not dependent on CI~ concentration. The
lack of dependence of Kscc on Cl~ concentration indicates that this species
does not play a dominant role in the cracking process as it does with the
heavily alloyed materials. Crack propagation tests were also conducted
in a vacuum to confirm that the dry-air failures are not due to a stress
rupture mechanism.?® K¢ in a vacuum is about that observed in the

1009 R.H. air tests and much lower than that observed in dry air. Crack
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velocity studies showed that cracking in pure H,O or H, is inhibited by
adding O, to the system. This suggests that the vacuum failures were caused
by water which was not removed from the vicinity of the crack tip and that
the high Kgec in dry air was due to O, inhibition. (Kgcc = plane strain
threshold for stress corrosion crack propagation.)

Tests conducted in H, show that crack propagation occurs at very low
stress intensities and continues when the applied load is completely removed
from the specimen.?* This cracking is attributed to hydride wedging in the
vicinity of the crack tip. Figure 9 shows a crack with the hydride corrosion
products wedging the specimen open. The corrosion products ignited when
air was introduced into the system, also suggesting UH; was formed.

The U-0.59; Ti alloy has been tested in ~10%, R.H. air and in 50-ppm
Cl~2°. The alloy is more susceptible to cracking in 109 R.H. air than the
0.759%, Ti alloy is in desiccated air, but this is attributed to the higher relative
humidities in the 0.59% tests. Quenched U-0.59%; Ti tested in 50-ppm Cl~
has a Kgcc of 24 MN/m?2, which is about half of the overload value.

Fig. 9. Corrosion products wedging a crack open in U-0.75%, Ti. Environment 100 Torr of H,
(3 x).



104 Nichofas J. Magnani

Heat Treatments

McLaughlin and Stephenson?® studied the effect of heat treatment on
crack initiation in U-0.5% Ti in C1~ solutions. They aged specimens at
temperatures from 200 to 700°C for times of 2, 8, 24, and 80 hr. Their data
show that material aged at 400°C, irrespective of the time, is the most
susceptible to cracking, while the 600°C material is the most resistant. The
overaged 600°C material forms a two-phase mixture of o + U,Ti, while the
most susceptible material does not decompose into the equilibrium phases,
but shows evidence of G.P. (Gruinier—Preston) zone formation (pre precipi-
tates).

The U-0.75% Ti alloy has also been tested with several different heat
treatments. The results of tests conducted in 50-ppm Cl~ on specimens in
the quenched condition (704-MN/m? yield), quenched and aged at 357°C for
18 hr (880-MN/m? yield), and quenched and aged at 400°C for 42hr
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50-ppm CI~ (after Magnani®3).
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Fig. 11. Slow crack growth in U-0.75¢% Ti aged at 357 °C for 6 hr and tested in 50-ppm
Cl17, 3-ppm H; in the metal.

(1110-MN/m? yield) are shown in Fig. 10. The data show that as the strength
increases, K g decreases from 28 to 21 to 14 MN/m?*?2. The differences in
threshold are attributed to differences in strength level since the micro-
structural changes are not very great. In fact the degree of environmental
degradation in all of the conditions is 509, of the overload stress intensity,
indicating the importance of the nonenvironmental properties.

Czyrklis and Levy?’ tested extruded U-0.75 Ti in H,O (<1 ppm CI7)
and in 31 % NaCl. They obtained Kgcc values of 23 MN/m>? and 17 MN/
m>32 in the C1~ free and Cl~ environments, respectively, for the 607-MN/m?
yield material. Tests conducted on extruded material aged at 450°C for 4 hr
(1075-MN/m? yield) show that Kgcc is 15 MN/m*? in the H,O environment
and 11 MN/m?*? in the 3% NaCl environment.*® Similar material was also
tested in 100%, R.H. air and in 50-ppm C1~ solutions.?® Kiscc is 18 MN/m*/?
in the air environment and 11 MN/m?? in the C1~ environment. These data
show again that Cl~ concentration does not strongly affect Kiscc for
U-0.759% Ti.
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Fractography

Stress corrosion fracture in U-0.50?¢ and in U-0.759% Ti2®-22.23.27.29
alloys is transgranular. Intergranular fracture along prior y grains has not
been reported. Figure 11 shows a U-0.75 9, Ti fracture surface of an extruded
specimen aged at 357°C for 18 hr and exposed to 50 ppm C1~; a great deal of
dimpling occurs on the surface. In extruded material with a lower H, content
(0.3 ppm versus 3 ppm) the fracture surface is composed of a mixture of
cleavage and quasi-cleavage, Fig. 12. The environment does not affect the
fracture mode in either type of material; fractures in dry air, wet air, and C1~
solutions are identical.?* The strength level of the material also does not
affect the fracture surface.?3

Summary

U-Ti alloys with low Ti concentrations are susceptible to internal H,
embrittlement and to embrittlement by moisture in the environment in a

Fig. 12. Slow crack growth in U-0.75 % Tiaged at 380 °C for 6 hr and tested in 100 % R H. air, 0.3-
ppm H; in the metal.
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manner similar to that of pure uranium. Additionally, the U-Ti alloys stress
corrosion crack in H, and H,O. The cracking and embrittlement are both
attributed to the formation of UH,. Oxygen inhibits crack propagation in
these alloys presumably by the same mechanism by which it inhibits hy-
driding.

The data show that for underaged alloys the susceptibility is inversely
related to the strength of the alloy, and that overaged alloys are more
resistant to cracking than underaged alloys. Stress corrosion crack propaga-
tion is transgranular for all of the heat treatments and there is no evidence of
cracking along the prior y grain boundaties.

Uranium—Molybdenum Alloys

One of the first indications that the environment degraded the properties
of uranium alloys was the disintegration of U-Mo oxidation specimens
observed by Burkart, Cohen, and McGeary.?® They attributed the disinte-
gration in 315°C water to the formation of hydride platelets in the y matrix
and the subsequent oxidation of the hydride by H,O. While this was the
first type of failure reported in uranium alloys, it is not related to the latter
failures observed in U~Mo at room temperature.

Hills, Butcher, and Howlett®> determined the mechanical properties of
quenched uranium alloys with Mo contents from 0.6 to 13 % and found that
many of the specimens had extremely low ductilities in laboratory air. The
low ductility and circumferential cracking observed in specimens with
2.5-7.0% Mo were attributed to stress corrosion cracking. Figure 13
compares a U-59, Mo specimen tested in laboratory air with one tested in
a vacuum. Hills ef al.’ also found that specimens containing more than 9%
Mo were brittle, but this was not attributed to stress corrosion cracking
because high ductilities occur at low strain rates. Instead, the intergranular
cracking was attributed to grain boundary precipitates (presumably hydrides).

It should be noted that the majority of the work on U-Mo alloys has
been conducted on relatively corrosion-resistant y alloys, and therefore the
alloys do not behave in a manner similar to that observed in uranium or
U-Ti alloys.

Environment

While there is general agreement in the literature that the reduction of
ductility observed in U-Mo alloys at low strain rates is due to stress corrosion
cracking and not hydrogen embrittlement, there is some disagreement as to
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Fig. 13. The surfaces of quenched U-5 % Mo tensile specimens tested in air (a) and in a vacuum
(b) (after Pridgeon??).

which gaseous specie(s) in the air is responsible for the cracking and loss of
ductility. The majority of the investigations reported in the literature show
that cracking occurs in O,, but some of the data also show that other gaseous
species are harmful.

Peterson and Vandervoort3? studied the effect of the environment on
the tensile properties of U-10%, Mo, the most extensivelv studied U-Mo
alloy, and concluded that O, is responsible for the cracking and loss of
ductility. Their data in several environments are shown in Table 5. In
addition to showing O, is responsible for the loss in ductility, the data show
that 50 9, R.H. air is less aggressive than dry air. This is attributed to condensed
water in the cracks denying easy access of O, to the crack tip. However,
Hoenig and Sulsona®3 found that O,, H,, and H,O could lead to reductions
of ductility in the same alloy. Pridgeon®! showed that O, cracks U-4%, and
U-59% Mo alloys.
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Table 5. The Ductility of U-10 wt %
Mo in Various Environments®

Environment Elongation,” %
Vacuum 19.0
50% R.H. air 50
Dry air 1.3
Dry N, 19.3
Dry O, 1.2
Dry CO, 20.0

@ After Peterson and Vandervoort, Ref. 32.
b ¢ = 0.0005/min.
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Both dynamic and static tests were used by Orman and Picton** to
identify the species responsible for cracking in U-7.5%, and U-109, Mo
alloys. Their data show that the U-7.5 % alloy is more susceptible to cracking
and cracks in air, O,, and H,O. The authors proposed that an acidic gas in
the air is responsible for cracking in the U-109; alloy, but they were not able

to duplicate the results in mixtures containing CO,, SO,, or NO,.

The bulk of the reported data on U-Mo stress corrosion cracking have
been obtained using smooth specimens, but two investigations have used
precracked specimens and a fracture mechanics analysis.?*** Figures 14 and
15 show the results of time-to-failure tests conducted on U-109, Mo with
15-ppm C and tested in <109 R.H. air and 100 9, R.H. air, respectively. The
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Fig. 14. The effect of the initial stress intensity on the time-to-
failure for quenched U-109, Mo tested in dry air (< 10% R.H.)

(after Magnani®®).
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Fig. 15. The effect of the initial stress intensity on the time-to-

failure for quenched U-10 %, Mo tested in 100 %, R.H. air (after
Magnani?®).

figures show that Kgcc is ~22 MN/m?? for both environments but that the
time-to-failure is very short in the dry air compared to wet air. Nomine
et al.*® found that the incubation times are only a small fraction of the times-
to-failure even at low stress intensities, Fig. 16. This suggests that the shorter
failure times in dry air are due to faster crack propagation.
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Fig. 16. The incubation time and time-to-failure for quenched U-10% Mo tested in
laboratory air (after Nomine et al.>®).
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Strain Rate

The effect of strain rate on the embrittlement and cracking in U-Mo
alloys has been studied by several investigators. The critical strain rate (the
strain rate giving the maximum ductility) for U-10%, Mo has been reported
between 0.03/min and 0.12/min.>>:35-3% The relationship between strain
rate and elongation for one of the investigations is shown in Fig. 17. The data
show that above ~0.03/min the ductility is independent of environment, but
below 0.03/min the ductility decreases to almost zero at 0.0001/min in
laboratory air but remains relatively unchanged in a vacuum.*? Nomine
et al.*® related the reduction of ductility to the percent of the fracture surface
which stress corrosion cracked. Figure 18 shows their results. The data show
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Fig. 17. The effect of strain rate on the ductility of U-10% Mo (after
Peterson and Vandervoort3?).
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Fig. 18. The effect of strain rate on ductility and stress corrosion cracking in quenched U-10%,
Mo (after Nomine, Bedere, and Miannay?®).

that as ductility increases to its maximum stress corrosion cracking goes to
zero. Pridgeon®! found that the critical strain rate for the U-59%, alloy was
much higher, 10/min, than any of the values reported for the U-10%, Mo
alloy.

Alloy Chemistry

The data of Orman and Picton3* and Pridgeon?! indicated that lower

Mo contents lead to more susceptible alloys. Nomine et al.3* tested alloys
‘with 8, 10, and 129, Mo and found a similar behavior, see Table 6. In fact,
the 129 alloy is not susceptible to stress corrosion cracking in the homo-
genized condition and the cast 12 9; alloy is susceptible only in Mo-depleted
regions. However, the 129/ alloy is very brittle and cannot be considered a
good engineering material. The data in Table 6 also show that little is gained
by substituting Ti for Mo and that the substitution of Zr for Mo leads to an
even more susceptible alloy.

Several other alloy additions to U-Mo have been made to reduce the
susceptibility to stress corrosion cracking without any success. The substi-
tution of Nb for Mo in a U-8 9%, Mo-2 9, Nb alloy lead to a more susceptible
alloy than the U-10% Mo alloy.*? Willows and Whitlow*® added small
quantities of Si and Sn to a 59 alloy and still observed cracking in dynamic
tests.
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Table 6. K,c and K¢ of Several U-Mo Alloys®

Ingot Comp.” Kc. MN/m?? Kiscc» MN/m32
U-8 wt %, Mo Cast 40.5 6.2
Homogenized 37 45
U-10 wt % Mo Cast 343 13.5
Homogenized 35.5 7.5
U-12 wt %, Mo Cast 28.6 18
Homogenized 23.5 Not susceptible
U-8 wt 9, Mo-1wt %, Ti Cast 44.1 10.5
Homogenized 66.3 7.5
U-10 wt 9, Mo-1 wt%, Zr Cast 45 7.5
Homogenized 50.6 6

¢ After Nomine et al., Ref. 35.
®100-200-ppm C.
« Lab air tests.

Carbon content has been found to have a pronounced effect on the
cracking susceptibility of U-Mo alloys. Peterson and Vandervoort3? studied
the effect of carbon content on the cracking behavior of U-Mo alloys. They
found the threshold for cracking increased from 260 MN/m? to 605 MN/m?
when the carbon content was decreased from 408 to 65 ppm. This improve-
ment led to the addition of Ti to U-Mo alloys to scavenge the carbon and
float it to the top of the melt to thus reduce the carbon content. An 8 % alloy
with 19 Ti had a carbon content of only 15 ppm and a threshold for cracking
of 745 MN/m?.3? Another alloy with the same Mo content, with only half as
much Ti and 75-ppm C had a threshold of 425 MN/m?.?>” These data indicate
that the carbon level is the more important variable than the Ti content. The
differences reported for Kcc for the 109, Mo alloy in laboratory air?3:3¢
may also be due to the differences in carbon content.

Heat Treatment

Some improvement in reducing susceptibility to cracking has been
obtained by heat treatment. The bulk of the work on U-Mo alloys is on
alloys quenched to retain the y structure. When these alloys are heat treated
to form the equilibrium o + y phases they are much more resistant to stress
corrosion cracking.?”*® Hoenig and Sulsona®? reported that an alloy
(U-10% Mo) quenched and aged at 300°C for 24 hr had « precipitates present
but had a threshold for cracking of only 255 MN/m?, indicating that partially
transformed material is still susceptible to cracking.
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Fracture Morphology

There is good agreement in the literature concerning the fractography
of stress-corroded U-Mo specimens. Macroscopically a tarnished surface is
observed where stress corrosion cracking has occurred. Microscopically the
fracture mode of the stress corrosion cracking observed in air and in O, is
transgranular?3:31:34.35.37.40 454 reported in one investigation to occur on
{111}, planes.*” Figure 19 shows a U-10 9; Mo transgranular quasicleavage
fracture surface. Whitlow found that in overaged U~6 %, Mo cracking occurs
along the prior y grain boundaries while quenched material cracks trans-
granularly. Intergranular stress corrosion cracking was also observed in
quenched materials tested in aqueous solutions.?+36

Summary

U-Mo alloys are susceptible to both embrittlement and stress corrosion
cracking in laboratory air. However, contrary to the behavior observed with
uranium and U-Ti alloys, O, is primarily responsible. This is related to the

Fig. 19. Quasicleavage fracture in quenched U-10%, Mo tested in laboratory air.



Hydrogen Embrittlement and Stress Corrosion Cracking of U 115

higher alloy levels of the U-Mo alloys that have been tested and not to a
fundamental difference in alloying behavior. The carbon content is important
to the cracking behavior, higher carbon alloys being more susceptible.
Alloys with lower Mo contents are also more susceptible to cracking. Heat
treating quenched alloys can lead to significant improvements in stress
corrosion resistance in that alloys with equilibrium microstructures are much
more resistant to cracking than metastable alloys. However, this type of
treatment leads to some deterioration in corrosion resistance and some loss
of strength.

Uranium—Niobium Alloys

The effects of the environment on the mechanical properties of U-Nb
alloys have been determined for alloys with 2.3-8.5%, Nb (the actual com-
positions studied are 2.39,, 4.2-5%, 6%, and 8.5%,). The 2.39, Nb alloy is
reactive and exhibits some of the characteristics of U and U-0.75% Ti. The
alloys with higher Nb concentrations such as the 6 9 and 8.5 9; alloys behave
in a manner similar to that of U-Mo alloys, while alloys with a Nb concentra-
tion of about 4.59%, Nb exhibit some of the characteristics of both types of
behavior.

The U-8.59, Nb alloy is the only U-Nb alloy in which the effect of
internal hydrogen has been determined. Powell and Condon® found that the
ductility of this material decreased from 509, R.A. in a hydrogen-free con-
dition to 1% R.A. with 15 ppm of internal H,. Further increases in H,
content did not affect the ductility.

Environment

The U-2.3%, Nb alloy is the only U-Nb alloy which has been reported
to be embrittled by humid environments. Zehr*! found that while the 2.3%
Nb alloy is embrittled in several heat-treated conditions, the material in
some conditions still has reasonable ductilities. He reported elongation in
o + y material of 40 9, 25 %, and 16 9 for vacuum, 50 % R.H. air, and water
immersion, respectively.

The lack of data indicating reductions in ductility in other U-Nb alloys
in humid test conditions may be due to the reduced reactivity of the alloys
as the Nb concentration is increased. Tests conducted in 1009, R.H. air at
75°C show that the 4.5 9, Nb alloy reacts with water vapor about one order
of magnitude more slowly than the 2.3 9/ alloy and that the 6 and 8.5 9 alloys
are even less reactive than the 4.5% alloy.?° Crack propagations studies on
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U-4.5% Nb show that stress corrosion cracking can occur in wet N,,*?
while similar studies on the U-69, Nb alloy show that cracking will not
occur in H,0.4* This behavior is also attributed to the relative reactivity of
the alloys.

Macki and Kochen** have reported that Cl1-, O,, and H,O may be
required for stress corrosion crack initiation in U-4.2%, Nb. Some of their
data are shown in Table 7. The data show that four-point bend specimens
loaded at 900 MN/m? in dry air and in 100 %, R.H. air did not fail in 10,000 hr,
while specimens in oxygenated 50-ppm Cl~ solutions failed in 2-5 hr. At
lower stresses, 345 MN/m?, tensile specimens tested in Cl™-free solutions
failed in 2400-4000 hr, and the addition of C1~ (50 ppm) reduced the times to
1-8 hr. The substitution of N, for O, gave mixed results with the failure time
ranging from 7 to 1000 hr. The authors speculated that O, contamination
caused the shorter failure time.

More recent tests on the 4.5 9 alloy have shown that crack propagation
occurs in O, and in H,0O.*> A synergistic interaction occurs in mixtures of
the gases, and crack propagation is significantly higher than would be
expected from the data for the pure gases. Tests conducted in various
pressures of O, show that the crack velocity decreases and Kgc increases
as the O, pressure is decreased. The data are shown in Fig. 20.

Crack propagation tests have also shown that C1~ has very deleterious
effects on the U-4.59, Nb alloy.*® Specimens loaded at 33 MN/m?*/? failed
in ~270 min in distilled water and in 3—15 min in 5-, 25-, and 50-ppm Cl~,
while only 1 min was required for failure in 500-ppm Cl~. The thresholds
for stress corrosion cracking K,scc were not strongly affected by the Cl1™
concentration, however.?® For the <2-, 5-, 25-, and 50-ppm Cl~ solutions

Table 7. The Results of Four-Point Bend Tests and Static Tensile Tests
on U-4.2 wt %, Nb Aged 80 hr at 260°C*

Load, Mn/m? Environment Time-to-failure. hr

Four-point bend tests

900 Dry air > 10.000

900 100°, R.H. air (32-C) > 10.000

900 0O,-H,0-Cl17(50 ppm) 25
Static tensile tests

345 0,-H,0(Cl™ ~0.5 ppm) 2400 — 4000

345 0O,-H,0-C17(50 ppm) 1 -8

345 N,-H,0-C17(50 ppm) 7 — 1000

“ After Macki and Kochen, Ref. 44.
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Fig. 20. The stress corrosion crack velocity of U-4.5 % Nb aged at 260°C for 80 hr and tested in
oxygen with 2-Torr H,O (after Magnani*?).

Kisce was between 17 and 22 MN/m*2. The threshold based on 1000-hr
tests, in 500-ppm Cl~ was ~16 MN/m*?, but cracking occurred even in
unloaded specimens after very long times. This cracking was attributed to
corrosion product wedging.

The U-2.3% Nb and U-6% Nb alloys have been tested and found to
crack in pure H, environments.*? It is assumed cracking will also occur in
the other U-Nb alloys in H, environments. Table 8 shows the results of the
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Table 8. U-6Nb Stress Corrosion Cracking in Pure Gases®

Pressure K Time-to-failure,
Environment Torr MN/m3?2 hr
o, 150 37 91
0, 150 36 71
H, 150 36 70
H, 150 38 78
H,O0 25(100% R.H.) 36 1680 (no growth)
H,0 25(100% R.H.) 38 1010 (no growth)
N, 650 35 1780 (no growth)
N, 650 36 1610 (no growth)

¢ After Magnani, Ref. 43, material as-quenched.

U-6 Nb H, tests and of tests in O,, H,0, and N, showing that this alloy is
susceptible to cracking in O, and H, but not in N, or H,O. This behavior is
similar to that of the U-Mo alloys.

Heat Treatment

2.3 Nb. Very little information has been reported in the literature on
the effect of heat treatment on the cracking behavior of U-2.3 9 Nb. Macki
and Kochen*’ tested the alloy in an underaged condition (230°C for 24 hr),
and in an overaged condition (430°C for 24 hr), both of which produce
material with a 930-MN/m? yield strength. The data show that the underaged
material with an o structure is more susceptible to cracking than the overaged
material with an o + y, structure. The tests, conducted in 50-ppm CI~ at
230 MN/m?, yielded failure times of 1300-2900 hr for overaged material
compared to 180-390 hr for the underaged material. Miller*® tested the
2.39( alloy in two overaged conditions, 455°C for 35 hr (830-MN/m? yield)
and 600°C for 5 hr (550-MN/m? yield), in 1009 R.H. air. His data show that
Kisce 18 approximately the same for both of the overaged conditions,
20 MN/m*? and 22 MN/m?32, respectively.

4.5-5% Nb. The U-4.5 wt9, Nb alloy has been tested in several
different aging conditions, with the most common a 260°C-80 hr age. The
alloy in the quenched condition has the same Kis¢ for both wet and dry air,
22 MN/m*?.?* In the 260°C-80 hr condition thc threshold is improved
slightly, 25 MN/m*?, even though the yield strength increases from
310 MN/m*? to 1070 MN/m? with aging.?® The data in Fig. 21 also show
the times-to-failure in wet air are greater than in dry air. Stress corrosion
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crack velocity measurements have also been made on the aged 4.59, Nb
alloy in laboratory air and related environments.*> The results of 109, R.H.
air tests are shown in Fig. 22. The data show that three regions of crack
propagation exist and the K¢ is 22 MN/m3/2,

McLaughlin et al.*° studied the effect of heat treatment on the cracking
behavior of U-59 Nb in 8-ppm Cl~ solutions. The specimens were aged at
temperatures from 200 to 600°C for times of 2, 8, and 24 hr. The most
susceptible material was aged at 450°C independent of the time while the
most resistant material was aged at 550°C and above. The improvement that
resulted above 450°C corresponds to the formation of a two-phase structure,
presumably o + y,.

6% Nb. The stress corrosion cracking behavior of U-69, Nb has
also been studied fairly extensively. Koger*? conducted tests on smooth
U-69; Nb specimens ranging from as-quenched material to material which
was quenched and overaged (600°C for 10 hr). Tests conducted in 0.1 M NaCl
(pH 4, -200 mV) at stresses well below yield showed the quenched specimens
and specimens aged at 150 and 200°C for 2 hr and at 600°C for 10 hr did
not fail in 17 hr, while specimens aged at 250°C for 3 hr, 300°C for 3 hr, and
400°C for 2 hr failed. Specimens loaded slightly above the yield stress in
50-ppm CI™ (pH = 4 no potentiostatic control) also showed a similar
behavior: the low-temperature and high-temperature aged specimens did
not fail in 17 hr, while the specimens aged at 250-400°C failed in 10 min or
less. Other tests conducted at the same stress level for all of the heat treatments
showed that overaged material was significantly more resistant to cracking
than quenched material.
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Thresholds, K¢ (not plane strain conditions), for quenched U-6 %, Nb
have been determined in dry air, 100 %, R.H. air, and 50-ppm Cl~ environ-
ments.*? The threshold in dry air is 38 MN/m?2, in wet air 22 MN/m?*/%, and
in 50-ppm C1~ 17 MN/m?*'2. These results show that water enhances cracking
in O, environments even though it has been shown cracking does not occur
in pure H,O. Material aged at 200°C for 2 hr has thresholds 3 MN/m?"?
lower than quenched material in 1009, R.H. air and in 50-ppm CI~,
19 MN/m%? and 13 MN/m?? respectively.*® Miller et al*® tested the
6-wt % alloy in 100%, R.H. air in three underaged heat treatments, 250°C for
3 hr (~ 700-MN/m? yield), 254°C for 6.5 hr (810-MN/m? yield) and 360°C for
1.2 hr (1100-MN/m?? yield). The thresholds were 22 MN/m?*’? for the lower
strength levels and only 11 MN/m?*? for the strongest material.

8.5% Nb. There is very little information available on the cracking
behavior of U-8.5%, Nb and no data on the effect of heat treatment. Un-
published data from this laboratory show Kiscc is 19 MN/m*? for quenched
material in dry air and that propagation in humid air is slower than in dry
air. Stephenson®! reported that initiation in the 83-wt % alloy took longer
than for the 4.5-wt 9 alloy.

Fracture Mode

Both intergranular and transgranular (refers to prior y grain boundaries)
stress corrosion cracking have been reported for U-Nb alloys. The 2.39; Nb
alloy cracks transgranularly in both the underaged*’ o and overaged a + y,
conditions in air and in dilute Cl~ solutions. Figure 23 shows a stress
corrosion fracture surface of quenched U-2.3 % Nb which has been tested in
wet air. This fractograph, which is also representative of a dry-air environ-
ment, shows heavy secondary cracking and evidence of the banded micro-
structure on the fracture surface. A fracture surface for the same material
tested in a 50-ppm. Cl~ environment is shown in Fig. 24. The fracture
surface indicates that cleavage has occurred and that the secondary cracking
is crystallographic in nature.

Underaged specimens with higher Nb concentrations crack trans-
granularly or intergranularly depending on the environment. Transgranular
(quasi-cleavage) cracking was observed for the U-4.59, Nb alloy in wet and
dry air tests?>*? and for dilute Cl~ solutions (<2, 5 ppm).>® A mixed trans-
granular and intergranular cracking has been observed in more concentrated
Cl~ solutions.?>*® The U-69 alloy behaves in a similar manner. Quasi-
cleavage cracking was observed in wet and dry air.*? Figure 25 shows a wet-
air fracture surface; note the heavy secondary cracking observed in this alloy



Fig. 24. Slow crack growth in quenched U-2.3% Nb tested in 50-ppm Cl".




Fig. 26. Slow crack growth in quenched U—-6 %, Nb tested in 50-ppm CI~.
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when tested in wet air. In dilute C1~ solutions the U-6 9/ Nb alloy cracks with
a mixed mode,>' while in 50-ppm Cl~ intergranular cracking occurs*?
(Fig. 26). The 8.5 % Nb alloy cracks intergranularly even in dilute C1~** and
transgranularly in dry air. The fracture mode in overaged U-Nb alloys is
not well-defined.*®

These fractographic data show that the alloy composition, the environ-
ment, and the heat treatment all affect the stress corrosion fracture mode.
Higher Nb concentrations and Cl~ favor intergranular cracking, while aging
to the equilibrium structures favors transgranular cracking.

Summary

The U-Nb stress corrosion cracking data indicate that, as was the case
with U-Mo alloys, O, will lead to stress corrosion cracking. Water vapor
can also be detrimental to U-Nb alloys. The U-2.3 %, Nb alloy is embrittled
by humidity in a manner similar to U and U-Ti alloys, while the 2.3 and 4.5%;
alloys will stress corrosion crack in water vapor. The U-6 9, Nb alloy will
not crack in H,O, but H,O accelerates cracking in environments containing
0,.

The data have shown that overaged specimens are more resistant to
stress corrosion cracking than underaged specimens. However, since a two-
phase o + y structure is formed on aging, the corrosion resistance will be
lower. The stress corrosion fracture mode, transgranular, intergranular, or
a mixed mode, is dependent on the environment and the alloy composition
and heat treatment.

Uranium—Niobium—Zirconium Alloys

Part of the rationale for developing ternary U-Nb-Zr alloys is based on
minimizing the internal stresses in metastable y alloys. Both Mo and Nb have
smaller atomic volumes than uranium and reduce the 7 lattice parameter,
while Zr has a larger atomic volume and expands the 7 lattice when added to
uranium. Therefore, the addition of Zr to U-Nb alloys should reduce the
internal stress and produce a more stable alloy.

The only U-Nb-Zr alloy which has been studied to any significant
extent is U-7.5% Nb-2.5% Zr. This alloy in the quenched condition, is in
either a bec or bet variant of the y uranium phase, with the structure depending
on, as of yet not well understood, differences in the chemistry of the alloy.>?
The stress corrosion cracking behavior of the ternary alloy is similar to that
of the more Nb-rich U-Nb alloys. However, unlike the U-8.5%, Nb alloy,
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U-7.5% Nb-2.59% Zr is not embrittled by internal H,. Tests have been
conducted on specimens with H, concentrations up to 70 ppm (1.7 at. %)
with no embrittlement observed.®

Some differences in the cracking behavior of smooth and precracked
specimens have been observed in the U-Nb-Zr alloy and are attributed to
the type of cracking occurring, transgranular oxide stress rupture or inter-
granular anodic dissolution.

Environment

As was the case with U-Mo and U-Nb alloys, O, has been identified as
the principal stress corrodent for U-7.5%, Nb-2.5 %, Zr in laboratory air and
is required for both types of cracking observed in this alloy. Whitlow*°
showed that high relative humidities enhanced crack initiation in the air.
Smooth specimens exposed to 929 R.H. air at 690 MN/m? failed in 0.3 hr,
while specimens similarly stressed but exposed to 559 R.H. air did not fail
in 200 hr. Weirick and Schoenfelder®® conducted tests on smooth bend
specimens to determine the environmental requirements for stress corrosion
cracking in the ternary alloy. They stressed specimens at the yield strength
in aqueous Cl~ solutions without O, and observed no failures in 5 months.
However, once air was admitted to the chamber, failure occurred in 4 min.
Similar tests conducted without the C1~ did not exhibit failures in 960 days,
showing that Cl™ is also required for cracking in smooth specimens. It is
interesting to note that corrosion was not very great in the O,-free Cl~
environment, but specimens exposed to the aerated Cl~ solutions corroded
rapidly.

The results of tests conducted on precracked specimens in several
environments are shown in Table 9. The data show that cracking will occur
in O, and H, and that H,O accelerates cracking but will not cause cracking
by itself.?> Tests conducted in various partial pressures of O, show that the
O, threshold for cracking is less than 0.01 atm.>* Stress intensity thresholds
have not been determined in pure gases. However, the results of tests con-
ducted in ~ 109, R.H. air, shown in Fig. 27, indicate Kscc is 20 MN/m>*? in
this environment. In 100 9, R.H. air the times-to-failure are longer, but K;scc
is about the same.>*

The effect of relative humidity on cracking in environments containing
0, is not straightforward. Miller®* studied the effect of relative humidity from
0 to 1009, on precracked specimens and found that specimens exposed to
20-90 9%, R.H. had much longer failure times than specimens tested at either
higher or lower relative humidities. The specimens in the intermediate
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Table 9. Gaseous Environment Tests on U-7.5 wt %,
Nb-2.5 wt%Zr* K ~ 33 MN/m3

Time in Test,

Stress corrosion

Atmosphere hr crack growth,’ in.
Vacuum 4000 None

N, (dry) 4000 None

N, (water saturated) 1000 None

0O, (dry) 3000 ~.040

O, (water saturated) 300 (failed) ~.100

H, (dry) 10 (failed) ~.100

¢ After Magnani, Ref. 25, material quenched and aged 150°C/hr.
® Average for a minimum of three specimens.

conditions often exceeded one year in test while specimens at either extreme
failed in 20-100 hr.

The effect of C1™ concentration on stress corrosion crack propagation
has also been investigated.*® The results for tests conducted in several Cl~
solutions are shown in Fig. 28. The data show that K¢ is lowered and the
time-to-failure is decreased by increasing the Cl~ concentration. These
results are summarized in Table 10. The thresholds are based on 1000-hr
tests. Specimens exposed to 500-ppm C1~ for very long times crack in the
absence of an applied stress. This cracking is attributed in part to corrosion
product wedging.*®
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Fig. 27. The effect of the initial stress intensity and time-to-
failure for U-7.5% Nb-2.59%, Zr aged at 150°C for 1 hr tested
in 10% R.H. air, (after Magnani?®).
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Table 10. The Effect of CI~ Concentration on thc
Time-to-Failure and Ky for U-7.5% Nb-2.5% Zr*

Solution, Time-to-failure at Kisees
ppm Cl~ 33 MN/m?*?, hr MN/m32
<2 10 17

5 0.4 11
25 0.2 11
50 0.2 5

500 0.03 - 0.1 5

¢ After Magnani, Refs. 25 and 46, material 7 quenched and
aged at 150°C for 1 hr.

Several investigators have reported that the cracking observed in C1~
solutions will not occur in strong basic solutions®!:*6->7 (pH > 12.5) and
that NO; inhibits cracking.5®®” The same studies report that anodic
potentials accelerate crack initiation and that cathodic potentials inhibit
initiation.>!-36-37

Heat Treatments

Most of the experimental work on the U-7.5%, Nb-2.59 Zr alloy has
been conducted on as-quenched material and quenched material with a low
temperature age (150°C for 1 hr). However, once the magnitude of the stress
corrosion cracking problem in these conditions was realized several programs
were initiated to determine the cracking behavior of materials in other heat
treated conditions. Weirick®® studied materials with a series of heat treat-
ments that provided all of the basic microstructures observed in this alloy.
The treatments he selected and their corresponding microstructures are
(1) 150°C for 1 hr, v,; (2) 350°C for 24 hr, monoclinic «”; (3) 450°C for 9 hr,
fine a precipitate in the prior y grain boundaries; (4) 550°C for 9 hr, « precipi-
tates in the grain boundaries and some decomposition of the matrix material
to a lamellar « + Nb and Zr-rich y; (5) 600°C for 8 hr, 409, of the y decom-
posed to the lamellar o + Nb and Zr-rich y. The results of the stress cracking
tests are shown in Fig. 29. Crack initiation in the bend specimens was detected
with acoustic emission equipment. The data in the figure show that the
600°C/8 hr material is the most resistant to initiation while the 350°C/24 hr
material is the most susceptible. Weirick’s tests also showed that propagation
is the fastest in the most brittle material, 450°C/9 hr and the slowest in the
150°C/1 hr material.
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Vaughn and Phalen®? and Whitlow*® tested the ternary alloy in the
as-quenched condition; quenched and aged at 350°C for 4 hr; and quenched
and aged at 600°C for 4 hr,%% and 1 hr.4® Both investigations found that the
600°C material is the least susceptible and that the 350°C material is the
most susceptible.
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Fig. 28. The effect of C1~ concentration on time-to-failure for U-7.5%
Nb-2.5% Zr aged at 150°C for 1 hr (after Magnani®®).
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Fractography

The importance of fractography in understanding the stress corrosion
cracking of uranium alloys is well illustrated in U-7.5%, Nb-2.5%; Zr. If one
assumes the intergranular and transgranular cracking observed in this alloy
are caused by different mechanisms and that the transgranular mode, which
has been observed only in precracked specimens, does not initiate easily, the
discrepancies in the literature as to the environments required for cracking
can be resolved. Intergranular stress corrosion cracking occurs in Cl~
solutions?>#6:31:57-58 and in humid air?3->4:35-5% in both smooth®!-*7~>% and
precracked?®#6-54:55 gpecimens. In the more concentrated Cl~ solutions,
the intergranular cracking was mixed with transgranular dimple rupture,?®
indicating rapid crack propagation. In 1009, R.H. air, another mixed mode
was observed, intergranular cracking and quasi-cleavage, Fig. 30. The inter-
granular mode is reported to require H,O, O,, and Cl~ for initiation,>® but
only O, and H,O for propagation.®*

50 T T T
~ 4or 50 ppm CI°
=

0 9 1
— \
2 o)
=0 © b\ © 1
4 ~

10} So~@. _ 1

Nt orO==

0.1 1 10 100 1000

TIME-TO-FAILURE (hours)

50 1 v v Y v
4 500 ppm cl A
c

30 1
‘= \\

22
- 20 \\\o
10 ‘\‘\s 4
L o TmmTmm=Ommmmmm N
0.1 1 10 100 1000

TIME-TO-FAILURE (hours)

Fig. 28 (continued).
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Fig. 29. The effect of heat treatment on the time to crack initiation in U~7.5% Nb-2.5% Zr in
1072 MKCI with an applied potential 500mV anodic to the rest potential (after Weirick>8).

Transgranular stress corrosion cracking, quasi-cleavage, has only been
observed in precracked specimens tested in air.2%-34:%° Figure 31 shows the
fracture surface of a specimen tested in 1009, R.H. air. The crack extension
is quasi-cleavage, but a side-initiated intergranular crack also contributed
to the ultimate failure of the specimen. The transgranular stress corrosion
cracking requires O, but not CI~ or H,0.?°> KClO,, which is a strong
oxidizer, also leads to transgranular cracking.’! The effect of potential on
the cracking mode also indicates that a fundamental difference between the
mechanisms exists. Anodic potentials lead to intergranular cracking while
cathodic potentials lead to transgranular cracking.>!

Summary

The U-7.59; Nb-2.5°, Zr alloy is not embrittled by internal hydrogen,
but does stress corrosion crack in numerous environments. Two types of
stress corrosion cracking are observed in the alloy, each with its own fracture
mode. The intergranular cracking initiates easily but requires O,, Cl~, and
H,O to do so. The transgranular stress corrosion cracking does not initiate
easily and can propagate in pure O, or in solutions containing strong
oxidizers such as KClO,. The effect of relative humidity on the time-to-
failure of ternary specimens, short-time failures at low and high relative

humidities, and long-time failures at intermediate humidities, indicates that
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different mechanisms are operative at the relative humidity extremes. In the
intermediate humidities neither mechanism is optimized and the failure
times are very long.

Studies of the effect of heat treatment on stress corrosion cracking
susceptibility have shown that overaging to produce o + Nb and Zr-rich y
results in the most stress-corrosion-resistant U-Nb—Zr alloys, while heat
treating in an intermediate temperature range (~ 350°C) for relatively short
times, 4-24 hr, produces the most susceptible alloys.

Polynary Alloys

A series of polynary alloys containing small quantities of all of the potent
y stabilizers, Nb, Mo, Zr, Ti, and in some cases V, have been developed. The
alloys would be expected to have an ' or «” banded microstructure in the
quenched condition. However, the stress corrosion cracking studies have
been conducted on as-extruded material instead of on quenched and aged
materials as was the case with the binary and ternary uranium alloys. In the
as-extruded condition some decomposition into the equilibrium phases has

Fig. 30. Mixed intergranular and quasi-cleavage slow crack growth in 150°C/1 hr U-7.5%;
Nb-2.59% Zr tested in 100 9, R.H. air.
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Table 11. Kgcc Values for As-Extruded Polynary Uranium Alloys

Kiscc» MN/m*2

Overload
Alloy K, MN/m%? 100% R.H.air H,O(<l-ppm Cl™) 50-ppm Cl~ 3.5% NaCl

U=3% Mo-} 7% Nb-3 %

Zr-1% Ti (4 Quad) 70 25 — <20 —
U-3% Mo—37% Nb-3%

Zr-}% Ti (3 Quad) 510 - 44 — 13
U-1% Mo-1% Nb-1%

Zr-1% Ti (1 Quad) 35 — 330 10° 8¢

U-1% Mo-1% Nb-1%
Ze-V Y Tied %V
(1 Quint) 227, 24¢ 21* 16° 5¢7¢ 5

? Reference 27.
b Reference 29.
¢ Reference 3.

taken place. These materials are subject to stress corrosion cracking, but
there are no references as to the effect of the environment on ductility.

Environment

Table 11 shows the stress corrosion cracking thresholds obtained for
the polynary alloys. The data show that as was the case with the binary alloy
systems, the effect of H,O on the cracking behavior is related to the reactivity
of the alloy. The 3 Quad,* which is the most reactive alloy is susceptible to
cracking in 1009, R.H. air, while the 3 Quad and 1 Quad are not even
susceptible in immersion environments.?>” The Quint alloy, which is not very
reactive, seems to behave in a contrary manner since it is susceptible to
cracking in the immersion environment. However, the Quint alloy has a much
higher yield strength than any of the other alloys,>” and the enhanced
susceptibility is attributed, at least in part, to this.

In C1~ solutions all of the polynary alloys behave in a similar manner.
First, the C1~ concentration does not strongly affect the K5 and second,
while there is a large variation in thresholds among the various alloys, the
degree of environmental degradation is approximately the same for all of
them. K5 is approximately 25 9% of the overload K. This shows that the
toughness of the material plays a dominant role in the stress corrosion
cracking process. This type of behavior was also observed in U-Ti alloys.

* See Table 11 for the chemical composition of the polynary alloys.
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Fractography

The stress corrosion fracture mode in the as-extruded polynary alldys
is transgranular.?”-2° A mixed quasi-cleavage and dimple rupture mode is
observed in the H,O environments, while pure quasi-cleavage is observed
in the C1™ environments except for the 1 Quint alloy in 3.5%, NaCl. In the
concentrated C1~ environment the Quint alloy fails by cleavage.?’

Summary

The polynary alloys have only been tested in the as-extruded condition
in which there is some evidence of decomposition to the equilibrium phases.
Despite this treatment, some of the alloys are susceptible to cracking in
humid air or H,O environments and all of the alloys are susceptible to
cracking in C1~ environments. The data also show that the effect of the C1~
environments on all of the polynary alloys is the same when normalized with
respect to the environment-free properties of the alloys.

EFFECT OF THE ENVIRONMENT ON EMBRITTLEMENT AND
STRESS CORROSION CRACKING IN URANIUM AND
URANIUM ALLOYS

Gases

Both uranium and uranium alloys are reactive with numerous gases
including O,, H, 0, and H, . These are the gases which have been identified as
either embrittling or cracking uranium and uranium alloys. Several reviews
of the oxidation behavior of uranium and uranium alloys by O, and H,O
have been written, some of the more recent ones by Colmenares,®! Orman,*®
and Cathcart.®> At low temperatures uranium reacts with dry oxygen to
form UO, ., while in pure H,O uranium reacts more rapidly and forms
UH,; in addition to the dioxide. The addition of O, to H,O reduces the
reaction rate dramatically and reduces the amount of free H, generated by
the U + H,O reaction. UO,, . is still formed in the gas mixtures except
under condensation conditions when a hydrated oxide, UO;-0.8 H,0, is
formed.'® Alloy additions reduce the reaction rate of uranium with O, and
H,0. The rate of H, generation from the reaction of a large number of
uranium alloys with 1009 R.H. O, at 75°C is shown in Fig. 32. The figure
clearly shows that as the alloy content increases the reaction rate, and hence
the H, liberation rate, decreases.



Hydrogen Embrittlement and Stress Corrosion Cracking of U 135

0
10 1 I T T

N\, ¢ 0.75Ti (aged)

>- .
= 10 \Qn Ti -
= oMo\ 314 QUAD
- ° * \,’ o1 QUAD
4 , 05T e\ N
2 107 225Nb" 1/2QUAD \ -
1 QUINTN
\\ ¢6Nb
4 AN
10 e45Nb N\ e8Nb =
N
N ¢10 Mo
1071 \\ i
N
7.5Nb-2.5Zr¢
1 | | |
0 5 10 15 20 25

ATOM % ALLOY ADDITION

Fig. 32. The rate of H, generation of selected uranium alloys exposed to 1009, R.H. O,
at 75°C (the labeling is in wt °) (after Magnani®®).

A recent review “Hydrogen in Uranium Alloys” by Powell and Condon®
discusses the reactions of hydrogen with uranium and uranium alloys. The
equilibrium partial pressure of H, above UH; is very low, « 1 Torr, at room
temperature, and while the equilibrium pressure above the alloy hydrides has
not been determined it should also be very low. Therefore, hydrides should
be easily formed. In the presence of small quantities of O, the hydriding
reaction is severely inhibited.

H,0

Uranium and all of its alloys are degraded by water in the environment.
Whitlow and Willows'® and Adamson et al.'? found that the ductility of
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uranium is substantially lowered by humidity in the air. Under immersion
conditions the ductility is lowered still further (see Fig. 6).? A similar type
of behavior has been observed in U-0.75% Ti alloys by Jackson?! and by
Johnson et al.>? Both investigations reported that for longitudinal extruded
specimens the elongation is reduced from 209/ in a vacuum to 29 in either
100 % R.H. air?? or in water immersion.2! Zehr*! observed that the 2.3% Nb
alloy was also embrittled by humid air and H,O immersion.

U-0.75% Ti** and U-4.5% Nb*5 stress corrosion crack in H,O while
U-69% Nb* and U-7.5% Nb-2.5% Zr** will not crack in pure H,O.
However, H,O does affect the cracking behavior of all of the alloys, and the
addition of water to O, environments dramatically enhances the susceptibility
of the alloys to stress corrosion cracking. Only small additions of H,O are
required to enhance cracking. Studies on U-4.5% Nb,*> and on the ternary
alloy>> have shown that the susceptibility will eventually decrease as the
relative humidity is increased. For the ternary alloy, as saturation is reached,
the stress corrosion fracture mode will change and the susceptibility will
increase once again.®® Figure 33 shows stress corrosion cracks in the ternary
alloy formed in 96 and 1009, R.H. air. The fracture mode is transgranular
in the drier environment and predominantly intergranular in the saturated
environment.

0,

O, will cause stress corrosion cracking in all uranium alloys except
U-0.759, Ti. In fact, O, inhibits the cracking of U-0.75% Tiin H, and H,O,
which is not surprising since this type of cracking is attributed to the forma-
tion of uranium hydride and O, inhibits the hydriding of uranium and
uranium alloys. Weirick and Shoenfelder®?® and Macki and Kochen** showed
that O, is required for crack initiation in U-7.5%, Nb-2.5%, Zr and U-4.5%
Nb, respectively, while Pridgeon®! and Peterson and Vandervoort32 observed
a similar behavior with U-Mo alloys. The author has shown that crack propa-
gation will occur in U-4.5 9 Nb,**> U-6 9, Nb,** and U-7.5%, Nb—-2.5% Zr63
in O,. While several uranium alloys crack in other environments, the investi-
gations referred to above show that O, is the principal stress corrodent for
uranium alloys in the air.

H.

2

It has been reported that H, does not affect the ductility of uranium
in dynamic tests® or the load carrying ability in static tests.'? However,
these results are probably due to oxides and/or impurities in the H,. In the
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asera)

1004

Fig. 33. U-7.5% Nb-2.5% Zraged 1 hr at 150 °C stress corrosion cracks after 125 hr exposure to
969 R.H. air (left) and 100% R.H. air (right), K = 38 MN/m*? (after Chen®).
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absence of an oxidized surface and O, or H,O impurities in the gas, the H,
and the metal should react to form UH;, which would be expected to affect
the properties to some extent. There is no information available concerning
the effect of H, on the ductility of uranium alloys, but once again some
effect is expected. Crack propagation in U-6%, Nb,** U-7.5%-2.5% Zr,*°
and U-0.75% Ti** occurs in H, environments, and there is no reason to
believe propagation will not occur in uranium and in all of the alloys in this
environment.

The only alloy which has been studied in H, to any significant extent is
U-0.75%; Ti.** Recent crack velocity studies on this material have shown
that cracking is proportional to P§,. The cracking is attributed to the
wedging action of UH; at the crack tip (see Fig. 9); and once the hydride
forms, crack propagation continues in the absence of an applied stress.

Electrolytes

Several stress corrosion cracking studies have been conducted in aqueous
solutions. In this section the influence of several of the more important
variables will be briefly reviewed.

Effect of CI~

Chloride ions dramatically affect the stress corrosion cracking behavior
and the electrochemical behavior of uranium alloys. Passivity is destroyed
and pitting is often induced. Levy et al.® found that small additions of C1~
to H,S0, solutions destroyed passivity and induced pitting in U, U-1.8 %
Mo, U-3.5% Mo, U-1.75% Ti, and U-3.5% Ti. Stephenson®! observed a
similar behavior in U-7.5% Nb-2.5% Zr. The aggressive nature of Cl~ is
illustrated by studies of Bullock and Condon,*® wherein they found that the
rest potential of U-7.59, Nb-2.5% Zr is not affected by oxide coatings in
CI™ (Br7) solutions to the extent it is in other electrolytes and that the density
of potential contours increases in Cl~ (Br) solutions compared to other
electrolytes. These data suggest that the Cl1~ (Br) either penetrates the oxide
or forms uranyl complexes with the oxide>®

Several investigations have shown that Cl™ is required for crack
initiation in uranium alloys. Weirick and Schoenfelder’® showed that
stressed smooth U-7.59% Nb-2.59% Zr specimens survived 960 days in
oxygenated water but failed in a matter of minutes when Cl~ was present.
Macki and Kochen** observed a similar behavior for U-4.2% Nb; stressed
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smooth specimens survived 10,000 hr in Cl~-free environments but failed in
about 3 hr when 50-ppm Cl~ was present.

The magnitude of the effect of Ci™ on stress corrosion crack propagation
in uranium alloys is inversely proportional to the reactivity of the alloy. The
U-0.759 Ti alloy is the alloy least affected by C1™. It has been shown that:
(1) Kigcc is lower in Cl™ solutions than in H,O, but the magnitude of the
effect is not as great as in the more highly alloyed materials; and (2) the stress
corrosion crack velocity is not dramatically affected by the C1~ concentra-
tion.?* C1~ dramatically affects Kgoc of the polynary alloys, but increasing
the concentration from 50 ppm to 3.59, NaCl did not significantly affect the
threshold. K scc in C1™ solutions is approximately 259 of the overload stress
intensity for each of the alloys. The cracking thresholds in H,O (< 1-ppm C17)
are between 50 and 859, of the overload stress intensities showing the C1~
effect is quite large.

The cracking behavior of U-4.59%, Nb, U-6 % Nb, and U-7.5%, Nb-2.5%,
Zr are also affected by CI™. The Cl~ concentration does not affect Kgoc in
the U-4.59] Nb alloy, but does affect the time-to-failure and presumably the
crack velocity.*® The time-to-failure and the threshold for the ternary alloys
are affected by the C1~ concentration. In 1000-hr tests K;q-c decreases from
17 MN/m*? in <2-ppm CI to 5 MN/m*? in 500-ppm Cl~, while the time-
to-failure at 33 MN/m?>? decreases from 10 hr to about 4 min for the same
environments.

Effect of pH

Hughes et al.'® showed that uranium is embrittled in Cl~ -free solutions
only between pH 5 and 10. Johnson et al?>? conducted similar tests on
U-0.75% Ti and found the range of susceptibility is increased and that

Table 12. The Relationship between
pH and Time-to-Failure for U-7.5%,
Nb-2.59% Zrin 8-ppm C1~

Solutions®
pH Time-to-failure
4 9 min
6 15 min
8.5 4 hr
12.5 No failure in 26 hr

@ After Stephenson, Ref. 51, material
quenched and aged at 150°C for 1 hr.
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embrittlement occurs between pH values of 2 and 12 and hence only strong
acids and bases can prevent embrittlement.

The pH also has an effect on the stress corrosion cracking susceptibility
of U-7.5% Nb-2.5% Zr. The results of time-to-failure tests conducted in
solutions with different pH values are shown in Table 12. The lack of stress
corrosion cracking in basic solutions correlates with the passivity observed
in 0.5-N and 1-N NaOH solutions with dilute C1~ present.>! Koger>’ also
found that the ternary alloy is passivated in basic solutions but that passivity
can be destroyed by high C1~ concentrations.

Effect of Potential

Brettle and Orman®® found that both the ultimate tensile strength and
the ductility of uranium in C1~ solutions are affected by the applied potential.
The relationship between elongation and potential is shown in Fig. 34. The
figure shows that the elongation decreases from almost 309, to about 109
as the potential is made more cathodic than — 1250 mV (SCE). Hydrogen is
generated at these potentials and the reduction of ductility is presumably
caused by hydrogen embrittlement. At potentials more anodic than
— 1200 mV (SCE) the ductility is even lower, <59 elongation. The embrittle-
ment at these potentials is attributed to stress corrosion cracking.®?

The applied potential also affects the cracking behavior of uranium
alloys. Stephenson®! found that anodic potentials enhanced crack initiation
in U-7.5% Nb-2.59% Zr and cathodic potentials inhibited crack initiation.
The cracking under anodic potential control is intergranular, while the
cracking under cathodic potential control is transgranular. Bullock and
Condon®® found that cracking initiated under anodic conditions could be
stopped by applying cathodic potentials which led them to believe the
mechanism of cracking for this alloy does not deal with H, embrittlement.
Anodic potentials also enhance cracking in the U-6% Nb alloy.*°

Inhibitors

Several inhibitors have been found for corrosion and stress corrosion
cracking in uranium alloys. Levy et al.°* found NOj3, CrO,, and SO; 2
inhibited the dissolution of U-1.8% Mo, U-3.759% Mo, U-1.75% Ti, and
U-3.4% Ti, with CrO, being the most effective. Stephenson®! found that
ClO; stopped the intergranular cracking in U-7.59, Nb-2.5", Zr and that
the specimens failed by quasi-cleavage cracking in this environment. Bullock
and Condon®® found evidence of passivation in 1 N KNO,-0.01 N KCl
solutions and that stress corrosion cracking is inhibited by the NO; . They
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also found CN ™ acted as a cracking inhibitor. The inhibiting effects of NO3
on stress corrosion cracking of uranium alloys was also observed by Koger.*’

Effect of Temperature

Almost all uranium alloy stress corrosion cracking studies have been
conducted at room temperature, and in only a few cases has the effect of
temperature on cracking been determined. Pridgeon®! found that the
susceptibility of the U-59%, Mo alloy to cracking in laboratory air increased
with temperature above room temperature and that cracking did not occur
below 10°C. His data yielded an activation energy of 6.3 Kcal/mole for the
temperature range 25—-100°C. The effect of temperature on the stress corrosion
crack velocity of U-4.59, Nb alloy in 10% R.H. air has also been investi-
gated.*® The crack velocities as a function of K at several temperatures are
shown in Fig. 35. The data show that the temperature affects the velocity in
region II (intermediate K), and that in region III (highest K region) the effect
of temperature disappears as K approaches K;c (~55MN/m?*?). Within
experimental error neither K¢ nor the velocity are affected by temperature
in region I (lowest K). The activation energy for the region II data above room
temperature is 7 Kcal/mole. The activation energy increases as the tempera-
ture decreases below room temperature, with a value of ~40 Kcal/mole
obtained at the lowest temperature tested, 3°C.

Temperature tests on U-0.75% Tiin H, have shown that the activation
energy above room temperature is approximately 8 Kcal/mole for region II
cracking.

THE EFFECTS OF METALLURGICAL PARAMETERS ON
EMBRITTLEMENT AND STRESS CORROSION CRACKING

Heat Treatment

The potent y stabilizers of U (Mo, Nb, Zr, and Ti) are very soluble in the
high-temperature y phase and almost insoluble in the room temperature «
phase of uranium. Therefore high-temperature aging of quenched uranium
alloys leads to the formation of an equilibrium two-phase alloy, « + y (a
solute-rich phase). Slow cooling the alloys instead of quenching from the y
phase field often leads to the same basic two-phase structure. Since one of the
purposes of alloying uranium was to prevent the formation of the anisotropic
o phase, almost all uranium alloys are quenched to retain the y phase or to
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Fig. 35. The effect of temperature on the stress corrosion crack velocity of U-4.5 9, Nb (260 °C/80
hr) in 10% R.H. air (after Magnani*3).
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form a metastable variant of the o phase (o or «”), depending on the amount
of alloy addition present (see Table 1). The alloys are then aged to improve
the mechanical properties when required.

The data for all of the alloy systems show that the susceptibility of the
quenched material to stress corrosion cracking increases with aging until the
equilibrium two-phase structure starts to form. The susceptibility to cracking
then decreases with continued aging. The equilibrium two-phase structure
is the structure most resistant to stress corrosion cracking. A more detailed
discussion of the effect of heat treatment on cracking susceptibility of alloys
in the major uranium alloy systems can be found in the sections on the
individual alloys.

Cold Work

The effect of cold work on the stress corrosion cracking susceptibility
of uranium alloys has only been reported for U-7.5 % Nb-2.5 %, Zr.31:54:56.57
The data show that stress corrosion cracking in worked materials is always
transgranular and that the most significant improvements in performance
because of cold work occurs in environments which would normally lead to
intergranular cracking. Stephenson®' tested specimens which had crack
propagation perpendicular and parallel to the direction of rolling and found
that even specimens which had propagation parallel to the rolling direction
had an increased resistance to stress corrosion cracking. As would be expected,
the specimens with propagation across the elongated grains (propagation
perpendicular to the rolling direction) were even more resistant to cracking.

In environments which lead to transgranular cracking, such as labora-
tory air, cold-worked specimens with cracking perpendicular to the rolling
direction have approximately the same Kgcc as nonworked specimens.’*
The data for the cold-worked specimens are shown in Fig. 36. The overload
stress intensity for the worked material is much lower than for the nonworked
material, 36 MN/m?? versus 60 MN/m?3/2. Therefore, even though the
cracking thresholds are the same for the worked and nonworked material,
the extent of the environmental degradation is not as great in the worked
material.

Surface Condition

Stephenson®! tested the U-7.5% Nb-2.5% Zr alloy with an abraded
surface, with a machined surface, and with a surface produced by a 75°C
treatment for 60 hr. The results of his stress corrosion cracking tests show
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Fig. 36. The relationship between initial stress intensity for U-7.5% Nb-2.5% Zr
50 % cold reduced (after Magnani, Romero, and Miglionico’*).

that surface oxides not only increase the susceptibility to cracking but also
make the rest potential more anodic, see Table 13. As-quenched surfaces are
heavily oxidized and also increase the susceptibility of the ternary alloy to
cracking.’® However, U-7.5% Mo behaves the same with an as-quenched
surface or with a machined surface.* Electropolishing improves the perfor-
mance of the ternary alloy’’ (in very corrosive environments the electro-
polished specimens are more susceptible than machined specimens), but had
no effect on the ductility of U-0.75%, Ti.?!

The data indicate that oxides on uranium alloy surfaces are detrimental
to the alloy when the stress corrosion cracking is caused by an anodic
dissolution mechanism. When cracking is not due to dissolution, as is the
case with U-7.59%, Mo and U-0.759% Ti, one would not expect the surface
condition to influence the behavior of the alloy as dramatically.

Table 13. The Effect of Surface Condition on Stress Corrosion Cracking in U-7.5%

Nb-2.5% Zr*
Rest Potential, Time to crack Time to
Surface condition SHE® initiative failure
Oxide coated (75°C/60 hr) +106 MV 80 min 115 min
Machined (+room temp oxide) + 88 MV 21 hr 22 hr
Abraded - 3MV 79 hr 80 hr

@ After Stephenson, Ref. 51, material aged at 150°C for 1 hr.
b Standard hydrogen electrodes.
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Grain Size

The effect of grain size on stress corrosion cracking in uranium alloys
has only been determined for U-5% Mo.*! The data, shown in Fig. 37,
indicate the threshold for the transgranular stress corrosion cracking
decreases as the grain size increases. A Stroh-Petch relationship is obeyed
wherein fracture threshold is proportional to the grain diameter to the half-
power.

Specimen Orientation

Uranium and uranium alloy mechanical test and stress corrosion
cracking specimens have been fabricated out of round rolled plate and
extrusions, with the vast majority out of plate. Metallographic examination
of the materials has not shown orientation effects for either type of material.
The specimens fabricated out of plate have also not shown any evidences of
a relationship between specimen orientation and embrittlement and stress
corrosion cracking.

Specimens fabricated out of extruded stock have shown some evidence,
though minor, of an orientational effect on embrittlement and stress corrosion
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Fig. 37. The relationship between stress corrosion cracking threshold and grain size for
quenched U-5%, Mo in laboratory air (after Pridgeon®!).
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cracking. It should be pointed out that the wall thicknesses of the uranium

alloy extrusions were too thin to allow for the fabrication of specimens with

radial fracture planes. Jackson?! has studied the effect on orientation on the
ductility of U-0.759% Ti. The results of his tests are shown in Fig. 38. The

data show that transverse specimens have a lower ductility than longitudinal
specimens in a vacuum and a higher ductility in high relative humidities.

Therefore, the influence of the environment on ductility is more pronounced
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Fig. 39. The effect of initial stress intensity on the time-to-failure for extruded U-0.75 % Ti aged at
380°C for 6 hr tested in 50-ppm Cl~ (after Magnani?3).
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in the longitudinal specimens. The effect of orientation on Kgc for U-0.75%,
Ti has also been determined.?® Longitudinal specimens with cracking in the
radial and transverse direction and transverse specimens with cracking in
the radial and longitudinal direction were evaluated. The data show there is
no effect from either the direction of propagation or the propagation plane
on stress corrosion cracking. The results of tests in 50-ppm Cl~ are shown
in Fig. 39. The data are grouped according to the cracking plane to illustrate
this has no effect on the cracking behavior. Similar results showing a lack of
an orientation effect were obtained in a 1009, R.H. air environment.

Crack propagation studies on several orientations of extruded U-4.59,
Nb have been conducted at this laboratory. The results of tests in 50-ppm C1~
indicate that transverse specimens are slightly more susceptible to stress
corrosion cracking than longitudinal specimens, Kigcc ~ 15 MN/m3/? com-
pared to 18 MN/m32. The data also show that cracking direction does not
affect the stress corrosion cracking behavior of this material.

Impurities

Certainly the impurity that most dramatically affects the properties of
uranium and uranium alloys is hydrogen. It has been shown that very small
quantities of hydrogen (<1 ppm) in uranium reduce the ductility,®!? and
Powell and Condon® have shown that similar effects occur in several
uranium alloys. They found the amount of H, required to embrittie the alloys
was significantly greater than the amount required for U; U-0.75% Ti is
embrittled by about 3 ppm, U-8.5% Nb requires about 15 ppm, and U-7.5%,
Nb-2.5%, Zr is not embrittled by 70 ppm of H,.

Another impurity that is reported to affect the properties of uranium
alloys in an environment is carbon. Both Peterson and Vandervoort3? and
Beaubron®® have studied the effect of carbon level on the cracking threshold
of smooth specimens of U-10 wt %, Mo in laboratory air. They found that as
the carbon level increases the threshold decreases. These data and data from
U-Mo-Ti alloys are shown in Table 14. The U-Mo-Ti alloys are included
since the primary objective of the addition of Ti to U-Mo was to reduce the
carbon content of the alloy by forming TiC, which can be removed from the
melt. The addition of Ti did have a beneficial effect on the thresholds pre-
sumably due to the lowering of the carbon content.

The effect of other impurities on the cracking behavior of uranium or
uranium alloys has not been studied systematically.
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Table 14. The Effect of Carbon Content on the Threshold for
Stress Corrosion Cracking in U-Mo and U-Mo-Ti Alloys

Alloy C,ppm  Threshold, MN/m? Reference

U-10% Mo 1000 310 40
» 408 258 32

» 190 434 66

90 497 66

» 85 497 32
U-89%, Mo-0.5% Ti 75 431 37
U-10% Mo 70 518 32
» 65 604 32
U-8% Mo-1% Ti 15 745 32

MECHANISMS

Three basic types of mechanisms have been proposed for the embrittle-
ment and stress corrosion cracking of uranium and uranium alloys. A hydride
formation mechanism is proposed to be responsible for the embrittlement
and cracking of uranium and the reactive alloys, which are the ones with low
levels of alloy addition. The intergranular cracking observed in the alloys with
the higher levels of alloy additions is attributed to an anodic dissolution
mechanism, while the transgranular cracking observed in these same alloys
is attributed to an oxide stress mechanism. In this section these mechanisms
and the conditions under which they occur will be discussed.

Hydride Formation

It has been shown that H, can affect both the ductility and the crack
propagation behavior of uranium and numerous uranium alloys. The H, can
be present in the metal at the beginning of a test, introduced into the metal
from H, gas during a test or introduced as a by-product of the oxidation of
uranium by H,O. The embrittlement of uranium by internal H has been
attributed to hydrogen in solution'* and to the formation of UH;.'® The
kinetics of embrittlement point toward hydride formation. Beevers and
Newman'® found that the embrittlement increased at increasing strain rates
and that the degree of embrittlement was the same at 20°C as at — 78°C. These
observations are certainly difficult to correlate with a solution mechanism
dealing with stress-enhanced diffusion. Similar types of observations have
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been made for the embrittlement of a—Ti and o—Zr alloys where the formation
of hydride is responsible for the loss of ductility.®

Hydride can also form in pure H, gas if the protective nature of the
oxide found on the alloys is destroyed (oxygen in the gas will also prevent
hydride formation and cracking). With precracked specimens the plastic
deformation at the crack tip ruptures the oxide, and all uranium alloys that
have been tested in H, have failed. The failure of the U-0.75%, Ti in H, has
been linked to the formation of UH; .24

Uranium and its alloys react with water to form UO, and release H,,
which can then react with the metal to form UH;. Vaughn and Phalen3? have
proposed that this type of corrosion-induced embrittlement mechanism is
responsible for the cracking observed in U-7.5% Nb-2.5% Zr. Burkhart and
Lustman®” have proposed that the disintegration of U-Mo and U-Nb alloys
in 343°C water is related to the formation of a metastable hydride phase.
Jackson®! observed hydridelike plates at the surface of U-0.75% Ti speci-
mens tested in humid environments which were not observed in specimens
tested in dry environments and proposed that the formation of a hydride
was responsible for the embrittlement. The formation of hydride from the
reaction with H,O is more likely to occur in alloys that have very high
uranium compositions, because as the uranium concentration increases the
reactivity of the alloy increases and the H, available for hydriding increases
dramatically, see Fig. 32.

The hydride which forms under any of the conditions discussed is a very
brittle, incoherent phase which can be ruptured easily to form initiation sites
and propagation pathways. Even more importantly, the density of the
hydride is low compared to the base metal, 11 g/cm?® for UH; compared to
19.1 g/em?® for U. Therefore, its formation in a metal will lead to high stresses.
This is illustrated by the crack propagation studies on U-0.75% Ti in H,.
The hydride forms at the crack tip and generates stresses of sufficient magni-
tude to cause crack propagation even after the applied stress has been
removed.** The hydrides are also very reactive and easily oxidized by O,
and H,O. The oxidation of a hydride phase was proposed to be responsible
for the disintegration of uranium alloy oxidation coupons at 343°C in water
vapor.®’

In summary, the reduction of ductility observed in uranium and uranium
alloy specimens with internal hydrogen and also in specimens tested in H,O
containing environments is attributed to the formation of UHj;. Stress
corrosion crack propagation in lean alloys such as U-0.75%, Ti in moist air
and in all alloys in H, is also attributed by hydride formation. It is proposed
that the hydride degrades the metal principally because of the high lattice



Hydrogen Embrittlement and Stress Corrosion Cracking of U 151

strains and internal stresses caused by its low density. Secondary influences
include the brittle nature and the reactivity of the hydride.

Anodic Dissolution

The intergranular stress corrosion cracking observed in the more heavily
alloyed uranium alloys has been attributed to an anodic dissolution type of
mechanism. Zehr®® has proposed a fairly detailed anodic dissolution
mechanism for U-7.5%, Nb-2.5%, Zr which should be equally applicable to
intergranular cracking in other uranium alloys. He proposed that an incuba-
tion period is required for the establishment of a differential aeration cell.
The oxygen-depleted region is anodic and hence cracking should and
does start in the center of a water drop. Waber®® has observed that current
flows between uranium specimens in solutions with different O, concentra-
tions. Initiation occurs when the oxide is destroyed by a combination of
stress, C17, and low pH. The destruction of passivity in U-7.59, Nb-2.59, Zr
by ClI™ has been verified.’!->® The low pH results from the preferential
dissolution of U and Zr which leaves an easily ruptured Nb oxide sponge.
Auger analysis showed that the stress corrosion cracking surface is rich in
Nb, which gives support to the proposed mechanism.

The work of Stephenson,®! Bullock and Condon,’® and Koger®’
supports an anodic dissolution mechanism. All three investigations report
that anodic potentials enhance cracking and cathodic potentials either slow
or stop cracking. Under cathodic potential control when cracking occurs it
was transgranular rather than intergranular.

There are some differences of opinion as to the role of pitting in the stress
corrosion cracking process. Koger>° observed that: (1) pitting in U-7.5%,
Nb-2.59% Zr occurred in short times in unstressed specimens in the same
environments that led to short-time stress corrosion failures in stressed
specimens, and (2) pitting always preceded stress corrosion cracking in his
tests. He proposed that the electrochemical processes leading to pitting and
stress corrosion cracking were the same. Bullock and Condon®® found that
some environments which cause stress corrosion cracking in short times will
not lead to pitting in long times, which indicates that pitting is not required
for stress corrosion cracking. Tests conducted on U-7.5%; Nb-2.59 Zr and
U-4.5% Nb in 500-ppm C1~ solutions showed that stress corrosion cracking
will occur in long times at the base of deep pits in unstressed specimens.*®
This was attributed to corrosion product wedging by the insoluble, low-
density oxides (pyo, = 11 g/em?, p,y,, ~ 18 g/cm?) formed in the deep pits,
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see Fig. 40. The data indicate that while pitting is not a necessary condition
for stress corrosion cracking, it is a sufficient condition in stressed uranium
alloy specimens and in some cases is sufficient in the absence of stress.

In summary, the intergranular cracking which occurs in the more solute-
rich uranium alloys is caused by an anodic dissolution process. Crack
initiation occurs when the passivity of the alloys is destroyed by C1~ and a
differential aeration cell. Propagation occurs by the rupture of an oxide
sponge depleted in the more active metals in the alloy. H, embrittlement is
not considered to be a viable mechanism for the intergranular cracking.

Oxide Stress Generation

The transgranular stress corrosion cracking observed in uranium alloy
in environments containing O, is attributed to an oxide stress mechanism.
This type of cracking has been observed in U-Mo, U-Nb, and U-Nb-Zr
alloys. Oxidation in uranium and uranium alloys occurs by the diffusion of
anions into the metal and not by the diffusion of the large highly charged
uranium cation.’®’! The volume expansion which occurs when UQO, is
formed is approximately 70 9, and therefore, if the oxide remains coherent,
large tensile stresses will be generated in the metal and large compressive
stresses will be generated in the oxide.

Cathcart®? has observed large tensile stresses generated by coherent
oxides at higher temperatures on uranium alloys. The oxides formed epi-
taxially on y-phase materials and led to increases in the length of oxidation

SURFACES<

Fig. 40. Pits with stress corrosion cracks in U-4.2 % Nb exposed to 40-ppm Cl~ under anodic
potential control.
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specimens ranging from 0% for U to 1259, for U~-7.59 Nb-2.5% Zr at
800°C (75 u of oxide). Cathcart states that all of the alloys formed by the y
stabilizers show evidence of stress generation during oxidation. There is no
evidence of stress generation in the equilibrium o + y alloys.”?

Chirigos’® proposed that the epitaxial stress caused by the oxide was
responsible for the disintegration of U-10%, Nb coupons containing 0.25-
109, Zr tested in high-temperature water (360°C) and O, (300°C). He also
exposed specimens to S vapor at 360°C. Failure occurred and was attributed
to the formation of an epitaxial U,S; phase.

A similar mechanism has been proposed for the stress corrosion cracking
of U-4.5% Nb at room temperature.*> Several correlations can be made
between the stress corrosion cracking and oxidation, supporting an oxide
stress mechanism. Cracking in region I, where most of the data were obtained,
was dependent on Py, in a complex manner. In 125 Torr of O,, as the
relative humidity increases the crack velocity increases, plateaus, and then
decreases at very high relative humidities. The oxidation of uranium shows
a similar behavior; the rate of formation of UO, in O, environments increases
when water is first added and is independent of R.H. from 5 to 90%,.!° Under
saturated conditions a noncoherent hydrated oxide is formed.!®2° The crack
velocity in region II is proportional to K*. This type of behavior would also
be expected for an oxide stress mechanism, i.e., less oxide-generated stress
would be necessary for fracture as K increased. Helium ion backscattering
experiments have shown that the oxide thickness on the stress corrosion
fracture surface decreases as K increases.”* The experiments also showed
thicker oxides are formed on stress corrosion cracking surfaces than on
overload surfaces.

In summary, an oxide stress mechanism has been proposed for the
transgranular stress corrosion cracking observed in uranium alloys tested in
O, environments. An epitaxial stress is generated by UO, on the alloys which
supplements the applied stress and leads to specimen failure.

PROTECTIVE COATINGS

The use of uranium and uranium alloys requires some control of the
environment. It has been shown that cracking can occur in 500-ppm Cl1~
solutions and in H, without any applied load due to corrosion product
wedging and residual stresses in the metastable alloys. In dilute Cl~ solutions
the threshold for many of the alloys is sufficiently low to preclude their use.
The most commonly used form of environmental control for uranium and
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uranium alloys has been protective coatings. This section will review the
work that has been done on protecting uranium and uranium alloys by
coatings.

Oxides

Protective oxides have been formed on uranium by controlling the O,
supply to the metal’> and by using controlled anodic potentials.”®’” The
coatings are protective in O, and H,O environments for long times at room
temperature, but deteriorate at elevated temperatures. Anodically formed
oxides on U~0.75% Tiand U-7.59%; Nb-2.5% Zr do not reduce the corrosion
rate in O, and H,O environments, but are very abrasion resistant.”” Studies
on the effect of oxides on stress corrosion cracking have shown that at best
they are neutral®* and that they may degrade the performance of the
material.>!->° Therefore, “protective” oxides have not been used on uranium
alloys to reduce the stress corrosion cracking susceptibility.

Organic

Orman and Walker’® evaluated a large number of organic coatings on
uranium substrates. They found the best of the coatings were innocuous,
while the majority of the coatings were actually corrosive to the uranium.
Even the addition of inhibiting pigments such as zinc chromate did not
significantly enhance the protection of styrene-butadiene films. In addition
to the corrosion caused by constituents in the coating, problems were
encountered because of the much lower permeability rate of O, compared
to H,O in organic films. With many of the coatings, the O, level at the film—
metal interface is reduced below that required for inhibition while the H,O
level is high enough to cause corrosion. Leafing aluminum powders were
added to two of the innocuous coatings to reduce the diffusion of water
through the film. The powders reduce the H,O permeability by greater than
an order of magnitude and significantly reduce the corrosion rate.

Macki and Kochen’? evaluated the protection afforded to U-4.5% Nb
by an epoxy primer and urethane cover coat paint system. They found the
coating protected the alloy from general corrosion in a salt fog environment
and from stress corrosion cracking in an aqueous chloride (50-ppm Cl™)
environment as long as the paint was not flawed. If the coating was scratched,
stress corrosion cracking occurred. Because of the lack of stress corrosion
protection that results if the paint contains flaws this type of coating scheme
is not considered satifactory for protecting uranium alloys.
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Metallic

Metallic coatings have been successfully used to protect uranium and
uranium alloys. Eleciroplated nickel is the most extensively used protective
film for uranium. One of the concerns with electroplated coatings is the
introduction of hydrogen into the uranium substrate. The sulfamate nickel
plating process used extensively in this country does not introduce hydrogen
into the bulk of the metal.?? The total hydrogen content increases, but this
is due to an increase on the surface where the H, will not adversely affect
the mechanical properties of the substrate.?>8° Less than 0.1 mm of nickel
will protect uranium in moist N, environments. The result of tests using
several thicknesses of Ni are shown in Table 15.

The protection offered to U-0.75% Ti by Ni plate has also been
evaluated.?2-?%8! The plating did not improve the ductility of specimens
tested in humid environments,?? presumably because of the fracture of the
plating during the test. However, Weirick and Douglas®? found that 0.012 mm
of Ni protects the alloy from corrosion in 25°C salt solutions, while merely
0.005 mm is protective in moist air at 105°C. Nickel coatings are electro-
positive to U-0.759% Ti and will accelerate stress corrosion cracking once
they are flawed.®! Peterson and Vandervoort®*? found that Ni coatings can
also accelerate the stress corrosion cracking of U-109, Mo. While Cd and
Zn are electronegative to U-Ti and are protective even if flawed, they will
not adhere to the alloy substrate. This led to a duplex coating scheme of Ni
plating covered by Zn and followed by a chromate finish, which has success-
fully protected the alloy from corrosion and stress corrosion.’!

Ion plated aluminum coatings protect uranium in moist air at tempera-
tures up to 100°C.%3-8% However, the coatings deteriorate with time, and the

Table 15. Corrosion of Nickel-Plated Uranium in
Moist Nitrogen®

Thickness of Length of Hydrogen

plating, mm test evolved, ppm

No plating 6 weeks 180 000
0.013 8 days 7000
0.013 6 weeks 35000
0.025 6 weeks 15
0.051 6 weeks 10
0.076 7 weeks 0
0.076 30 weeks 0

¢ After Johnson et al., Ref. 22.
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corrosion rates will eventually increase.®* Ion plated aluminum protects
U-0.759% wt % Ti from moist air at 100°C for more than 30 days but in 25°C,
50-ppm Cl~ solutions the coatings break down and the corrosion rate after
24 days exposure is greater than that for bare uranium.®! Flaws in the coating
accelerate the stress corrosion cracking because the coating is electropositive
to the U-Ti substrate.®!

Aluminum coatings cathodically protect U-4.5wt%, Nb from stress
corrosion cracking.®3-8¢ McLaughlin and Panousis®® studied the effect of
plasma sprayed, electrodeposited, chemical vapor deposited, and physical
vapor deposited aluminum and electroplated cadmium on the stress corrosion
cracking behavior of U-4.59, Nb. All of the coatings except for the electro-
deposited aluminum, effectively inhibited stress corrosion cracking. Speci-
mens with a gap in the coating to simulate damage were also evaluated, and
specimens with 4-mm gaps still effectively protect the uranium alloy. Because
the aluminum is consumed in the environment, the coatings break down with
time.

The data in the literature show that nickel can be effectively used to
protect uranium, but that the effective protection of alloys from stress
corrosion cracking requires coatings which are electronegative to the
uranium alloy. Aluminum has been used effectively for alloys containing
higher alloy addition levels, while the “lean” alloys require zinc or cadmium
if galvanic protection is to be achieved.

SUMMARY

Three types of cracking behavior have been observed in uranium alloys.
The determination of what type of behavior will be observed is related in part
to the reactivity of the specimen, and hence to the amount of alloy addition
and not on what alloy addition has been made, and in part to the test en-
vironment. The lean alloys and uranium are embrittled by internal H, and
by H,O in the environment. This behavior is attributed to the formation of
the brittle low-density hydride, UH;. The intergranular cracking in the
solute-rich alloys is attributed to an anodic dissolution mechanism. O, and
Cl™ destroy passivity in the alloy, and the dissolution of the more active metal
constituents leaves an oxidized sponge which is easily ruptured by the applied
stress. The transgranular cracking in the solute-rich alloys is attributed to an
oxide stress mechanism. The formation of an epitaxial UO,, . oxide on the
metal, stresses the metal in tension, and this stress, when combined with the
applied stress, results in the fracture of the metal at the crack tip.



Hydrogen Embrittlement and Stress Corrosion Cracking of U 157

Uranium and all of the uranium alloys tested to date are susceptible to
embrittlement and/or stress corrosion cracking in environments as innocuous
as laboratory air. There are a few options with regard to alloy composition
and heat ireatment that can be used to minimize the embrittlement and
cracking problems in uranium alloys. It has been shown that heat treating
metastable uranium alloys to form the equilibrium o + 7y structure will
increase the resistance to stress corrosion cracking. The mechanical pro-
perties of the resultant alloys are often as good if not better than the quenched
alloys. However, two problems can occur. First, the a« phase is not very
corrosion resistant even when saturated with an alloy addition, and second,
the anisotropic nature of the o phase may lead to dimensional stability
problems.

It has been shown that the lean alloys will crack in H,O while O,
inhibits cracking and the alloys with higher solute levels will not crack in
H,O but will in O,. The higher solute alloys are also quite sensitive to Cl~
in aqueous solutions while the lean alloys are to a lesser degree. This type of
behavior immediately points out the importance of proper alloy selection if
the environment is well-defined and controlled. Protective coatings are used
on uranium and uranium alloys in environments where the hostile con-
stituents cannot be removed. Metallic coatings including Ni, Al, and Zn are
the most successful.
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